Epitaxial metastable Ge 1Ϫy C y alloy layers with yр0.045 were grown on Ge͑001͒ by solid-source molecular-beam epitaxy ͑MBE͒ at temperatures T s ϭ200-400°C. Using calculated strain coefficients and measured layer strains obtained from high-resolution reciprocal lattice maps ͑HR-RLMs͒, we determine C lattice site distributions as a function of T s and total C concentration y. HR-RLMs show that all as-deposited alloys are fully coherent with their substrates. Ge 1Ϫy C y (001) layers grown at T s р350°C are in a state of in-plane tension and contain C in substitutional sites, giving rise to tensile strain, as well as in nanocluster sites which induce negligible lattice strain. T s ϭ400°C layers are strain neutral with negligible substitutional C incorporation. Increasing y and/or T s leads to a decrease in substitutional C concentration, consistent with Raman spectroscopy results, with a corresponding increase in the C fraction incorporated in nanocluster sites. The latter suggests that nanocluster formation is kinetically limited during film deposition by the C-C adatom encounter probability at the growth surface. Overall, the results show that it is not possible by MBE to obtain fully substitutional C incorporation in Ge 1Ϫy C y (001) alloys, irrespective of y and T s . This is consistent with ab initio density functional calculations results showing that C incorporation in nanoclusters sites is energetically favored over incorporation in substitutional Ge lattice sites. Annealing the Ge 1Ϫy C y (001) layers at T a ϭ550°C leads to a significant decrease in the substitutional C fraction and, hence, lower tensile strain. Layers annealed at 650°C are strain free as all substitutional C has migrated to lower-energy nanocluster sites.
I. INTRODUCTION
C-containing group-IV alloys are of technological and scientific interest due to the potential they offer for both band gap and strain-state engineering of layers used in microelectronic and optoelectronic devices compatible with Si integrated circuit technology. There are, however, severe challenges associated with their growth. First, the equilibrium solid solubilities of C in Si and Ge are extremely low, Ӎ10 17 cm Ϫ3 and 10 8 cm Ϫ3 , respectively. 1 Low-temperature growth under highly kinetically constrained conditions is therefore required in order to take advantage of the fact that surface solubilities are orders of magnitude larger than bulk values, 2 while simultaneously inhibiting phase separation during deposition. Another obstacle to be overcome is the large lattice constant mismatch, 34% and 37%, between diamond (a C ϭ3.5668 Å) and the common group-IV semiconductors Si (a Si ϭ5.4310 Å) and Ge (a Ge ϭ5.6576 Å).
Si 1Ϫy C y has been widely studied experimentally and theoretically, but C incorporation in Ge 1Ϫy C y alloys has received relatively little attention. Most reported experimental investigations have focused on the growth of Ge 1Ϫy C y layers (yр0.1) on Si͑001͒. 3, 4 However, Ge 1Ϫy C y /Si(001) layers typically have highly defective microstructures containing large concentrations of misfit dislocations which can act as sinks for incorporated C. These samples are thus unsuitable for investigating C incorporation pathways in Ge 1Ϫy C y . There are few reports of the successful growth of metastable Ge 1Ϫy C y alloys on Ge͑001͒. Duschl et al. 5 employed solid-source molecular-beam epitaxy ͑MBE͒ to grow thirty periods of 30 Å-Ge 1Ϫy C y /100 Å-Ge superlattices with y ϭ0.012 and 0.021 at temperatures T s ϭ200 and 300°C. The authors stated that 30% of the total C concentration resided in substitutional sites at T s ϭ200°C with only 10% at 300°C. The substitutional fractions were estimated based upon strain values obtained from x-ray diffraction measurements. Dashiell et al. 6 demonstrated in-plane tension in Ge 1Ϫy C y /Ge(001) layers grown by MBE at T s ϭ275°C, but did not measure y.
Yang et al. 3 reported the growth of epitaxial Ge 0.95 C 0.05 on Ge͑001͒ by MBE at T s ϭ200°C and noted that the layers were highly defective with rough ͕113͖ facetted surfaces. Raman spectroscopy indicated that only a small fraction of the C was in substitutional sites giving rise to a local vibrational mode at 530 cm Ϫ1 ͑Ref. 7͒. The peak position is in good agreement with an investigation by Hoffman and co-workers 8 who used ion channeling and infrared absorption spectroscopy to characterize Ge wafers implanted with 12 C ϩ and 13 C ϩ ions at energies and doses chosen to provide a relatively uniformly doped 0.7 m-thick region with y ϭ0.007. They observed a Ge-C stretch mode at a frequency of 531 cm Ϫ1 , consistent with values between 516 and 563 cm Ϫ1 obtained from local density functional calculations of the vibrational mode frequencies of substitutional C in Ge. Analyses of channeling rocking curves around the ͗100͘, ͗110͘, and ͗111͘ axes suggested that up to 31Ϯ3% of the incorporated C was in substitutional sites.
Although the most stable configuration for C atoms in the Si lattice is the substitutional site, 9 Gall et al. 10 have demonstrated recently, using ab initio density-functionaltheory-based calculations, that the situation is quite different for the case of C in Ge. They showed that the formation energy per C atom, Ũ ϭU/N C , continuously decreases with increasing number N C of C atoms in a given configuration, from 2.42 eV for substitutional C, to 2.17 eV for a C pair on a single substitutional site, to 1.66 eV with N C ϭ3. This indicates that C has a strong tendency to form nanoclusters in Ge. Gall et al. also calculated the strain coefficient ␣ for more than 50 C configurations in the Ge lattice and found that the absolute value of ␣ is largest for single-C configurations (N C ϭ1). For substitutional C, they obtained a strain coefficient ␣ sub of Ϫ0.71 ͑slightly smaller than the Vegard's rule value͒, while ␣ decreases to approximately zero for configurations with N C у2.
D'Arcy-Gall et al. 11 using a combination of calculated strain coefficients and layer strains measured by highresolution x-ray diffraction ͑HR-XRD͒, provided evidence for C incorporation at nanocluster sites in Ge 1Ϫy C y /Ge(001) films grown from hyperthermal Ge and C atomic beams. Specifically, they showed that all C atoms are incorporated into both substitutional and Ge-C split interstitial sites at low y and T s values with the relative concentrations controlled by the incident Ge-atom energy. 12 However, as y and/or T s are increased, a growing fraction of C is incorporated in nanoclusters. Ge-C split interstitials are formed during growth from hyperthermal beams as a result of the trapping, by substitutional C, of Ge self-interstitials created by fast Ge irradiation. 12 For Ge 1Ϫy C y growth from thermal beams, as in the present MBE experiments, self-interstitial, and hence Ge-C split interstitial, concentrations should be negligible. The formation energy of Ge-C split interstitials is 1.78 eV higher than that of substitutional C. 10 In this article, we determine C lattice site distributions in Ge during MBE growth of epitaxial Ge 1Ϫy C y /Ge(001) alloys as a function of composition (yр0.045) and deposition temperature (200рT s р400°C). To accomplish this, we employ a combination of high-resolution reciprocal lattice mapping ͑HR-RLM͒, cross sectional transmission electron microscopy ͑XTEM͒, and Raman spectroscopy. Based upon the results, together with previous ab initio density functional calculations, 10 C incorporation pathways during film growth are deduced.
We find that irrespective of y and T s values, complete incorporation of C atoms in Ge substitutional sites is not possible; a fraction of the total C concentration is always incorporated in nanoclusters. The latter fraction increases with y and/or T s due to correspondingly higher C-C encounter probabilities at the growth surface. Annealing asdeposited Ge 1Ϫy C y (001) layers results in a further loss in the substitutional concentration as C atoms migrate to nanocluster sites. This provides direct experimental evidence, confirming calculated results, 10 that the most energetically favorable configuration for C in the Ge lattice is in the form of nanoclusters.
II. EXPERIMENTAL PROCEDURE
All Ge 1Ϫy C y (001) alloy layers were grown in a multichamber solid-source MBE system, described in detail in Ref. 13 , with a base pressure of 5ϫ10 Ϫ11 Torr. A pyrolytic BN effusion cell was used to evaporate 99.9999% pure Ge while pyrolytic graphite ͑purityϭ99.99%͒ was sublimed in a magnetically focused electron-beam evaporator. Surface structural and morphological changes were recorded in situ by reflection high-energy electron diffraction ͑RHEED͒ using a 20 keV primary electron beam which intercepts the sample at an angle of Ӎ2°.
The substrates are polished 1.5ϫ1.5 cm 2 Sb-doped Ge͑001͒ wafers with room-temperature resistivities of 1 -20 ⍀ cm (nϭ1ϫ10 15 -6ϫ10 13 cm Ϫ3 ). Substrate cleaning consisted of ultrasonic degreasing, rinsing in deionized water to remove the native oxide, and oxidation by a UVozone process.
14 The wafers were then immediately inserted into the ultrahigh vacuum system. Final substrate preparation included degassing at 250°C for 4 h and desorption of the oxide layer at 600°C for 10 min. 500 Å-thick Ge͑001͒ buffer layers were deposited at T s ϭ400°C followed by the growth of 1500 Å-thick Ge 1Ϫy C y (001) alloy layers at temperatures T s between 200 and 400°C. The Ge deposition rate was 0.4 Å s Ϫ1 , while the C deposition rate was set to obtain the desired alloy composition. Film growth temperatures were measured using a pyrometer calibrated by a thermocouple bonded to a dummy Ge substrate. The chamber pressure during deposition was р2ϫ10 Ϫ9 Torr. Deposited film thicknesses t were measured using microstylus profilometry while total C concentrations y in asdeposited layers were determined using a Cameca IMS-5F secondary-ion mass spectrometer ͑SIMS͒ operated with a 10 keV Cs ϩ primary ion beam. Quantification, with an experimental uncertainty of Ϯ10%, was carried out by comparison to C ion-implanted bulk Ge standards. All SIMS depth profiles were found to be flat showing that C concentrations remain constant as a function of depth in the Ge 1Ϫy C y (001) layers.
HR-XRD and HR-RLM measurements were performed using a Philips X-pert MRD diffractometer with Cu K␣ 1 radiation ͑ϭ1.540 597 Å͒ from a four-crystal Ge͑220͒ monochromator which provided an angular divergence of Ͻ12 arc s with a wavelength spread ⌬/Ӎ7ϫ10
Ϫ5 . -2 scans ͑ is the angle of incidence and is the Bragg diffraction angle͒ were obtained with a detector acceptance angle of Ӎ2°, while an additional two-crystal Ge͑220͒ analyzer was placed between the sample and the detector for highresolution scans ͑detector acceptance angle Ӎ12 arc s͒. HRRLMs were generated by taking repetitive -2 scans starting at different initial values for .
XTEM examinations were carried out using a Philips CM12 microscope operated at 120 keV. Specimens for XTEM examinations were prepared by gluing two samples film to film and then cutting a vertical section which was thinned by mechanical grinding to a thickness of Ӎ25 m. Final thinning to electron transparency was done by Ar ϩ ion milling in which the incident beam angle and energy were progressively reduced from 15°to 9°and 5 to 3.5 keV in order to obtain samples with relatively uniform thickness distributions.
Raman measurements were performed using the 5145 Å line from an Ar ϩ ion laser. The 40 mW laser beam was incident at 60°to the sample normal and focused to a spot size of Ӎ300 m. The optical penetration depth at this wavelength is Ӎ160 Å, 15 much smaller than the alloy layer thickness. A three-stage 0.8 m SPEX spectrometer equipped with a two-dimensional ͑2D͒ charged-coupled device array was used to collect the signal perpendicular to the sample surface. Wavelength calibration was accomplished using a Ne lamp.
Annealing experiments were carried out at atmospheric pressure in ultrahigh purity Ar (99.999%). Following sample introduction, the annealing chamber was purged with Ar for 3 h. The samples were then rapidly heated at Ӎ8°C s Ϫ1 to the annealing temperature T a , held for 30 min, and cooled in Ar to room temperature. All samples were successively annealed at temperatures of 450°C, 550°C, and 650°C.
III. EXPERIMENTAL RESULTS

A. Film growth
Epitaxial Ge 1Ϫy C y layers with nominal thicknesses t ϭ1500 Å and concentrations yр0.045 were grown on Ge͑001͒ at T s ϭ200-400°C in order to probe C incorporation pathways. We used HR-RLM to show that all Ge 1Ϫy C y (001) layers are fully coherent with their substrate. SIMS analyses were performed on all films.
Typical zero-order Laue-zone RHEED patterns are presented in Fig. 1 . Patterns from Ge͑001͒ buffer layers ͓Fig. 1͑a͔͒ consist of sharp 2ϫ1 spots, with nearly equi-intense fundamental and half-order features and sharp Kikuchi lines characteristic of a flat surface. Upon initiating growth of Ge 1Ϫy C y (001) alloys with yр0.023 at T s р300°C, RHEED features become streaky, half-order intensities decrease, diffuse scattering increases, and the fundamental diffraction rods broaden. These effects are indicative of decreasing average terrace sizes, increasing step densities, and atomicscale surface roughening. Typical patterns from 1500 Å-thick Ge 0.977 C 0.023 (001) layers grown at T s ϭ200 and 300°C are shown in Figs. 1͑b͒ and 1͑c͒, respectively. The layers remain 2D and show no evidence of faceting, in agreement with XTEM analyses described in the following section. However, RHEED patterns from Ge 1Ϫy C y (001) layers with C concentrations yу0.035 gradually transform from 2D to three-dimensional ͑3D͒ with increasing thickness. For example, 3D patterns are obtained from yϭ0.035 alloys grown at T s ϭ200°C when the film thickness exceeds 515 Å.
RHEED patterns acquired during Ge 1Ϫy C y (001) growth at T s у350°C reveal increased surface roughening together with evidence for faceting. The half-order streaks rapidly disappear, resulting in 1ϫ1 patterns, at thicknesses ranging from tӍ1500 Å with yϭ0.012 to tӍ680 Å with yϭ0.023 at T s ϭ350°C. In parallel, vertical intensity modulations become visible along the length of the fundamental diffraction rods. With further increases in film thickness, the modulated 1ϫ1 pattern gradually transforms into a bulk 3D pattern such as the one shown in Fig. 1͑d͒ , obtained from a 1500 Å-thick Ge 0.977 C 0.023 (001) layer grown at T s ϭ350°C. Increasing T s to 400°C yields extremely rough surfaces with RHEED patterns exhibiting streaks corresponding to the presence of ͕113͖ facets with tϾ440 Å. The chevronshaped streaks emanate from both the tops and bottoms of diffraction features ͓see Figs. 1͑e͒ and 1͑f͒, obtained from a Ge 0.977 C 0.023 (001) alloy grown at T s ϭ400°C with t ϭ1500 Å͒, and are inclined 25°with respect to the surface normal.
B. Microstructure and strain state
In this section, we describe the effect of T s on film microstructure and strain state and then consider the influence of alloy composition for films grown at T s ϭ200°C, the minimum growth temperature used. We choose Ge 0.977 C 0.023 (001) alloys to illustrate the effect of T s on microstructure and C lattice site distributions since, while y ϭ0.023 represents a relatively high C concentration, the alloys remain of excellent crystalline quality over a wide range in growth temperature.
Figures 2͑a͒ and 2͑b͒ are typical bright-field XTEM images, obtained using the ḡ ϭ220 diffraction vector near the 110 zone axis, from fully strained 1500 Å-thick Ge 0.977 C 0.023 (001) layers grown at T s ϭ200 and 400°C, respectively. The film/buffer-layer interfaces are abrupt ͑as determined using ḡ ϭ200 imaging conditions͒ and there is no evidence for stacking faults, misfit dislocations, or C precipitates ͑detection limit Ӎ50 Å͒, in agreement with the HR-RLM results presented next. 110 zone axis selected-area electron-diffraction ͑SAED͒ patterns ͓see for example, the insets in Figs. 2͑a͒ and 2͑b͔͒ are composed of single-crystal reflections with symmetric intensities.
Consistent with the RHEED results, XTEM analyses reveal that surfaces of Ge 0.977 C 0.023 (001) layers grown at T s ϭ200°C ͓Fig. 2͑a͔͒ remain flat to within the resolution of the transmission electron microscopy. However, alloys with yу0.023 grown at T s у350°C exhibit extensive surface roughening and facet formation as shown in Fig. 2͑b͒ . The roughening is C induced since we find that the surfaces of pure Ge͑001͒ layers grown to the same thicknesses at T s ϭ350-400°C are flat. The peak to valley roughness for the Fig. 2͑b͒ layer is 500 Å. The angle between ͓001͔ and a vector orthogonal to facet surfaces is 25.2°, indicating, as observed in RHEED patterns, that the facets are terminated by ͕113͖ planes.
Typical HR-XRD -2 scans through substrate and film 004 Bragg peaks are presented in Fig. 3 for Ge 0.977 C 0.023 layers grown at T s ϭ200, 300, and 400°C. Figure 3͑a͒ is from a 1500 Å-thick, yϭ0.023 alloy grown at T s ϭ200°C. The diffraction pattern exhibits a sharp layer peak, with a full width at half maximum intensity ⌫ -2 in the -2 direction of 111 arc s, in good agreement with the theoretical minimum value, accounting for strain broadening and finite thickness effects, 16 ,17 of 107 arc s. This indicates that the film is of very high crystalline quality. The positive angular separation between substrate and layer peaks, ⌬ϭ360 arc s, demonstrates that the film is in a state of in-plane tension with an out-of-plane lattice constant a Ќ ϭ5.6408 Å. Our measured a Ќ value is considerably larger than the lattice constant, a Ќ ϭ5.5652 Å, obtained by assuming all C atoms reside in substitutional sites and applying the corresponding strain coefficient ␣ sub ϭϪ0.71. 10 This result, combined with the fact that the layer is fully coherent, suggests that only a small fraction of incorporated C resides on substitutional sites.
Finite-thickness interference fringes are clearly visible in Fig. 3͑a͒ , indicating that the layer is of high structural quality with a laterally uniform substrate/film interface. This is consistent with the XTEM results in Fig. 2͑a͒ . From the fringe spacing, we obtain a layer thickness of 1485 Å, in good agreement with growth rate calibrations. A simulated HR-XRD scan, calculated based upon the fully dynamical formalism of Tagaki 16 and Taupin, 17 is shown in Fig. 3͑b͒ for comparison. The simulation was carried out assuming a perfectly abrupt and coherent film/buffer-layer interface with all C atoms residing in substitutional sites. Reproducing the measured Bragg and fringe peak positions in the simulation, using the assumption ͑verified below͒ that nonsubstitutional C atoms exert negligible in-plane strain in the Ge lattice, 10 yields a substitutional C concentration of only 0.42 at. % while the total measured C concentration is 2.3 at. %. The intensities of the calculated Bragg peaks and interference fringes ͓Fig. 3͑b͔͒ are in good agreement with measured results ͓Fig. 3͑a͔͒.
Increasing T s to 300°C while maintaining the total C concentration at 2.3 at. % decreases the degree of in-plane tension as shown in Fig. 3͑c͒ , from which we obtain a Ќ ϭ5.6508 Å. ⌫ -2 for this 1300 Å-thick layer is 131 arc s, somewhat larger than the calculated value of 111 arc s and indicative of a slight decrease in crystalline quality. However, finite-thickness interference fringes are still visible near the substrate and layer peaks. In contrast, HR-XRD scans from Ge 0.977 C 0.023 (001) alloys grown at T s ϭ400°C ͓see, for example, Fig. 3͑d͔͒ exhibit no distinct layer peak demonstrating that these layers contain negligible substitutional C.
All Ge 1Ϫy C y (001) alloy layers are completely coherent with their substrates as determined from XTEM and HR-RLM analyses. Representative reciprocal lattice maps around asymmetric 224 reflections are presented in Fig. 4 . Diffracted intensity distributions are plotted as isointensity contours as a function of the reciprocal lattice vectors k ʈ parallel and k Ќ perpendicular to the surface. The substrate and film peaks from all samples in this study, irrespective of y and T s , are aligned along the k ʈ direction signifying negligible in-plane strain relaxation. The diffraction contours in Fig. 4 are nearly symmetric with the exception of the elongation, due to finitethickness effects, along the growth direction.
The HR-RLM in Fig. 4͑a͒ was obtained from a 1500 Å-thick Ge 0.977 C 0.023 (001) alloy grown at T s ϭ200°C. The layer is under tensile strain with an out-of-plane lattice constant a Ќ ϭ5.6411 Å, in good agreement with the HR-XRD results (a Ќ ϭ5.6408 Å). The full width at half maximum intensity in the and -2 directions for the layer peak are ⌫ ϭ54 and ⌫ -2 ϭ43 arc s, close to the substrate values of 35 and 37 arc s indicating negligible film mosaicity and microstrain. Finite-thickness interference fringes are clearly visible as periodic intensity contours along k Ќ . The diffraction intensity distribution passing transversely through the substrate peak is due to residual scattering from the monochromator crystal. Figure 4͑b͒ is an HR-RLM from a Ge 0.977 C 0.023 (001) alloy grown at T s ϭ300°C. The substrate and layer peaks are again nearly perfectly aligned along k ʈ with an in-plane strain relaxation of only 2.5ϫ10 Ϫ5 , near the instrument detection limit of Ӎ1ϫ10 Ϫ5 . The layer is under tensile strain with a lattice constant along the growth direction of a Ќ ϭ5.6514 Å. ⌫ and ⌫ -2 for the layer peak are 61 arc s and 63 arc s, respectively, corresponding to a slight decrease in crystalline quality compared to the T s ϭ200°C results. Increasing T s to 400°C causes the layer peak to merge with that of the substrate suggesting the absence of C in substitutional lattice sites. The diffuse scattering intensity at angles away from the Bragg peak is high signifying large variations in the local microstrain induced by C incorporated in nanocluster sites ͑see below͒ which cause severe lattice-plane buckling distortions.
Since all Ge 1Ϫy C y /Ge(001) alloys in this investigation are fully coherent with their Ge substrates, their out-of-plane lattice constant depends only on C lattice site distributions. Figure 5 is a plot of a Ќ for Ge 0.977 C 0.023 (001) layers deposited as a function of growth temperature T s . a Ќ (T s ) increases nearly linearly from 5.6408 Å at T s ϭ200°C to 5.6576 Å, equal to the bulk substrate value a Ge , at 400°C. All data points in Fig. 5 , irrespective of T s , are well above the value, a Ќ ϭ5.5652 Å, calculated using the strain coefficient ␣ sub ϭϪ0.71 10 corresponding to fully substitutional C incorporation. Figure 6 shows out-of-plane lattice constants a Ќ for Ge 1Ϫy C y (001) layers grown at T s ϭ200 and 300°C as a function of the total C concentration y. The data clearly exhibit two distinct regimes. At low C concentrations ͑y р0.023 at 200°C and yр0.013 at 300°C͒, a Ќ decreases with increasing y to reach a minimum value of 5.6408 Å at 200°C and 5.6466 Å at 300°C. a Ќ then increases again at higher C concentrations to saturate at the lattice constant of bulk Ge, a Ge . The dashed line in Fig. 6 corresponds to the calculated alloy lattice constant for fully substitutional C in- corporation. All data points are well above this line indicating that significant fractions of incorporated C atoms occupy non-substitutional sites.
C. Raman spectroscopy measurements
Ge 1Ϫy C y /Ge(001) layers were also probed by Raman spectroscopy. Substitutional C atoms in the Ge lattice are known to give rise to a local vibrational mode ͑LVM͒ which has previously been reported to occur at approximately 531 cm Ϫ1 . 7, 8 Curve 1 in Fig. 7͑a͒ is a reference Raman spectrum, over the Stokes shift range between 400 and 700 cm Ϫ1 , from a Ge͑001͒ substrate. We attribute the 595 cm Ϫ1 peak to two-phonon intensity close to the Brillouin zone center. 18 The peak at 575 cm Ϫ1 is due to a high transverse optical ͑TO͒ phonon density of states near the X point in the Ge phonon dispersion curve, 18 while the shoulder at 550 cm Ϫ1 is related to a two-phonon process involving one longitudinal ͑LO͒ and one transverse optical ͑TO͒ mode. The feature near 467 cm Ϫ1 corresponds to a convolution of the Ge two-phonon longitudinal optical and acoustic ͑LA͒ modes. 18 Curves 2 and 3 in Fig. 7͑a͒ are typical Raman spectra, in this case from Ge 0.977 C 0.023 (001) alloy layers grown at T s ϭ200°C and 350°C, respectively. The spectra contain an additional peak corresponding to the 531 cm Ϫ1 LVM from substitutional C in Ge. 7, 8, 11 We note that the area under the C peak from the T s ϭ350°C sample is smaller than that of the 200°C alloy. In order to compare results as a function of y and T s , all Raman spectra were normalized to the Ge 2TO peak intensity at 595 cm Ϫ1 and the pure Ge spectra subtracted. The C-related peaks were then well fit using a Gaussian function centered at 531 cm
Ϫ1 . An example fit, in this case for the sample shown in curve 2, is given in the inset of Fig. 7͑a͒ . The integrated area A C under the C peak from Ge 0.977 C 0.023 (001) alloys is plotted as a function of T s in Fig. 7͑b͒ . We find that A C decreases with increasing film growth temperature. Since the C peak area is directly proportional to the substitutional C concentration incorporated in the Ge 1Ϫy C y (001) layers, the results show that y sub decreases approximately linearly with increasing T s , consistent with our HR-RLM measurements ͑Fig. 4͒.
D. Annealing effects on C lattice site distributions
Annealing experiments were carried out in order to investigate the thermal stability of Ge 1Ϫy C y (001) alloys. All samples were successively annealed in Ar at temperatures T a of 450, 550, and 650°C for 30 min. Changes in alloy lattice constants were determined by HR-XRD and HR-RLM after each step. All layers remained fully coherent and SIMS C depth profiles were found to be identical to those obtained from as-deposited samples.
A typical set of HR-RLMs from an annealed 1500 Å-thick Ge 0.977 C 0.023 (001) alloy grown at T s ϭ200°C is shown in Fig. 8 . The substrate and the film peaks remain perfectly aligned along the k ʈ direction signifying negligible in-plane strain relaxation. In fact, the 450°C anneal had no FIG. 7 . ͑a͒ Raman spectra obtained from ͑1͒ a bulk Ge͑001͒ wafer and Ge 0.977 C 0.023 ͑001͒ alloys grown on Ge͑001͒ at ͑2͒ T s ϭ200°C, ͑3͒ T s ϭ350°C, and ͑4͒ T s ϭ200°C and annealed for 30 min at T a ϭ550°C. The inset is a plot of the normalized C 531 cm Ϫ1 LVM peak from curve 2 fitted with a Gaussian ͑solid line͒. ͑b͒ The integrated areas A C under the substitutional C LVM Raman peaks from Ge 0.977 C 0.023 ͑001͒ alloys grown on Ge͑001͒ as a function of T s .
FIG. 8. HR-RLMs around asymmetric 224
Bragg peaks from a 1500 Å-thick Ge 0.977 C 0.023 alloy grown on Ge͑001͒ at T s ϭ200°C and successively annealed for 30 min at T a ϭ450°C, ͑a͒ 550°C, and ͑b͒ 650°C. measurable effect whatsoever, with the HR-RLM remaining identical to that shown in Fig. 4͑a͒ . However, at T a ϭ550°C, the layer peak in the HR-RLM moves closer to the Ge substrate peak, as a Ќ increases from 5.6408 to 5.6472 Å, corresponding to a lower tensile strain. We obtain ⌫ and ⌫ -2 values of 41 arc s and 39 arc s, respectively, slightly lower than in the as-deposited sample ͑54 and 43 arc s͒. This is indicative of a slight increase in crystalline quality, associated with a decrease in the overall tensile strain, and changes in C lattice site distributions. Annealing at T a ϭ650°C relieves the remaining tensile strain such that a Ќ ϭa ʈ ϭa Ge , as shown in Fig. 8͑b͒ .
a Ќ values are plotted as a function of T a in Fig. 9 for Ge 0.977 C 0.023 (001) layers grown at T s ϭ200-400°C. For each curve, the data point at the lowest temperature corresponds to a Ќ for the as-deposited layer. The results clearly show that 450°C anneals have no effect on a Ќ , irrespective of T s . Increasing T a to 550°C, however, leads to an increase in a Ќ for alloys grown at T s ϭ200-300°C, while a Ќ remains constant for Ge 0.977 C 0.023 (001) films grown at T s у350°C. Annealing at T a ϭ650°C reduces the residual strain to zero ͑a Ќ ϭa Ge ͒ for all layers, suggesting that the substitutional C concentrations in these layers become negligible.
We provide further evidence from Raman spectroscopy for a decrease in substitutional C concentration upon annealing. Curve 4 in Fig. 7͑a͒ is a Raman spectrum obtained from a Ge 0.977 C 0.023 (001) layer grown at T s ϭ200°C ͓curve 2 in Fig. 7͑a͔͒ and annealed at T a ϭ550°C. The integrated area A C under the C peak has decreased by approximately a factor of 2 during annealing, indicating a corresponding decrease in the substitutional C concentration. This is consistent with the HR-RLM results showing that annealing leads to a decrease in tensile strain and indicates that substitutional C atoms migrate during annealing to sites which exert negligible lattice strain.
An XTEM bright-field image, obtained using a ḡ ϭ220 diffraction vector near the 110 zone axis, from a Ge 0.977 C 0.023 (001) alloy grown at T s ϭ200°C and annealed at T a ϭ650°C is presented in Fig. 10 . The annealed film still contains no observable stacking faults, dislocations, or evidence for C precipitates, and the substrate/film interface remains abrupt. This suggests that changes in layer strain are related solely to changes in C lattice site distributions, rather than, for example, C decoration of extended defects. From our strain results ͑Fig. 5͒, this as-deposited Ge 0.977 C 0.023 (001) sample had the highest substitutional C concentration, y sub ϭ0.0042. However, the corresponding tensile strain was completely relaxed during the 650°C annealing.
IV. DISCUSSION
Ge 1Ϫy C y (001) alloys grown by MBE at T s ϭ200-400°C with C concentrations up to 4.5 at. % are of high crystalline quality and fully coherent with their Ge͑001͒ substrates as judged by RHEED, HR-XRD, HR-RLM, and XTEM. Total incorporated C concentrations y obtained from quantitative SIMS measurements agree well with values expected from growth rate calibrations and were found to be independent of T s .
In situ RHEED and XTEM analyses showed that all Ge 1Ϫy C y (001) layers grown at 200рT s р300°C with y Ͻ0.035 have smooth 2ϫ1 surfaces and contain no extended defects. However, layers grown at T s у350°C exhibit significant surface roughness with, at T s ϭ400°C, the development of ͕113͖ facets as observed by both RHEED and XTEM. ͕113͖-faceted epitaxial and amorphous Ge 1Ϫy C y layers grown on Ge͑001͒ were previously reported by D'ArcyGall et al. 19 and Yang et al., 3 respectively. C-induced ͕113͖ facets have also been observed during the homoepitaxial growth of Si͑001͒, 20 and attributed, based on ab initio density functional calculations, to the stabilization of ͕113͖ facets by C atoms which tend to favor sp 2 rather than sp 3 hybridization. 21 Ge 1Ϫy C y (001) alloys grown on Ge͑001͒ at T s ϭ200°C are in a state of in-plane tensile strain whose magnitude, as determined by HR-XRD and HR-RLM, decreases linearly with increasing T s until it becomes negligible for all alloy compositions at T s ϭ400°C. Consistent with these results, Raman spectroscopy analyses provide direct experimental evidence showing that the fraction of the total C concentra- tion which is incorporated in substitutional lattice sites also decreases linearly with increasing T s . Based upon previous results using hyperthermal atom beams, 11, 12 the only significant nonsubstitutional C sites in Ge 1Ϫy C y /Ge(001) are Ge-C split interstitials, whose concentration is expected to be insignificant in the present MBE experiments, and C nanoclusters which induce negligible strain in the Ge lattice (␣ cluster ϭ0). Thus, the out-of-plane lattice constant a Ќ of fully coherent Ge 1Ϫy C y films on Ge͑001͒ depends solely on the substitutional C concentration y sub in the alloys, weighted by the strain coefficient ␣ sub ϭϪ0.71. Thus, a Ќ is related to y sub through the simple relationship,
Using Eq. ͑1͒ together with our measured a Ќ values, the total C concentration y obtained by SIMS, and the calculated strain coefficients, we extract the substitutional C fraction sub ϭy sub /y in our Ge 1Ϫy C y ͑001͒ layers. Figure 11͑a͒ is a plot of sub as a function of T s for Ge 0.977 C 0.023 (001) films.
sub decreases approximately linearly from a maximum value of 0.18 at T s ϭ200°C to become essentially zero at T s ϭ400°C. Figure 11͑b͒ shows the substitutional C fraction as a function of the total C concentration y in Ge 1Ϫy C y (001) alloys grown at T s ϭ200°C and 300°C. We obtain the highest substitutional C fraction, sub ϭ0.38, for Ge 0.997 C 0.003 /Ge(001) layers grown at 200°C. Increasing y leads to a continuous decrease in sub to 0.08 with y ϭ0.041. We observe the same trend in the 300°C layers, but with lower absolute values for sub . Overall, the substitutional C fraction is small in all Ge 1Ϫy C y (001) alloys, irrespective of y and T s . This is consistent with ab initio density functional calculations showing that C incorporation in nanocluster sites is energetically favored over incorporation in substitutional Ge lattice sites. 10 The fact that we observe cluster ϭ(1Ϫ sub ͒ increasing with y as well as T s suggests that nanocluster formation is kinetically limited during film deposition by the C-C adatom encounter probability at the growth surface.
No changes were observed in either the in-plane strain or the area A C under the C LVM Raman peak during 30 min anneals of Ge 0.977 C 0.023 (001) layers at T a ϭ450°C. At higher annealing temperatures, however, a Ќ increases while A C , and hence the substitutional C concentration, decreases. The alloy layers remain fully coherent with their Ge͑001͒ substrates and free of extended defects. Thus, 30 min at T a у550°C is sufficient to induce C diffusion from substitutional lattice sites to lower-energy nanocluster sites. At T a ϭ650°C, all residual substitutional C is lost. Using the reported activation energy for substitutional C diffusion in Ge, 2.6 eV, 5 we estimate C mean diffusion distances in our Ge 1Ϫy C y (001) layers during 30 min anneals at 450, 550, and 650°C, to be Ͻ1 Å, 11 Å, and 85 Å, respectively, which are consistent with our experimental results. For Ge 1Ϫy C y (001) alloys with yϭ0.023, substitutional C atoms are separated by Ӎ10 Å. Thus, we observe negligible change in a Ќ or sub values at T a ϭ450°C while a fraction of the substitutional C migrates to nanocluster sites at 550°C ͑see Fig. 9͒ , and all substitutional C is converted at T a ϭ650°C.
V. CONCLUSIONS
MBE Ge 1Ϫy C y alloys grown at temperatures T s ϭ200-400°C with total C concentrations up to 4.5 at. % are fully commensurate with their Ge͑001͒ substrates. HR-RLM and XTEM analyses show that the layers contain no detectable extended defects or C precipitates. We find that C atoms incorporate into both substitutional and nanoclusters sites. The combination of SIMS, HR-XRD, HR-RLM, and Raman spectroscopy, together with the results of previous ab initio density functional calculations, 10 were used to quantitatively determine, as a function of film growth conditions, the concentrations of C incorporated in each site.
We find that, in contrast to Si 1Ϫy C y alloys grown on Si͑001͒, it is not possible by MBE to obtain fully substitutional C incorporation in Ge 1Ϫy C y (001) alloys, irrespective of y and T s . We attribute this to the fact that while substitutional C is the most energetically stable configuration in Si, C nanoclusters are the lowest energy sites in the Ge lattice.
sub in Ge 1Ϫy C y (001) decreases with increasing T s and/or y suggesting that the formation of nanoclusters is kinetically limited by the C-C adatom encounter probability at the growth surface.
All Ge 1Ϫy C y (001) layers are stable to 30 min anneals at T s ϭ450°C. However, annealing the alloys at T a ϭ550°C leads to a significant decrease in tensile strain while 650°C annealed layers are strain and defect free as all substitutional C migrates to lower-energy nanocluster sites. 
